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impeded by the poor cycling stability.[9,12–15] 
Due to the huge sums of lithium ions 
involved, a large volume change is induced 
during (de)lithiation, which results in elec-
trode disintegration and active material 
pulverization, thus greatly limiting cycle 
life. In addition, repeated volume changes 
would destroy preformed solid electrolyte 
interphase (SEI) layer and re-expose the 
fresh surface of the active material to the 
electrolyte, leading to continuous forma-
tion of SEI layer. The frequent formation 
of SEI layer not only consumes the electro-
lyte and lithium ions, but also retards the 
lithium ion diffusion, leading to capacity 
failure.[16–18] Several strategies have been 
successfully adopted to control the forma-
tion of SEI layer by constructing protec-
tive layer strategy. However, the addition 
of coating layer would pay the price of 

decreasing the total capacity, complicating the fabrication pro-
cess, and increasing additional price of raw materials. Thus, it 
is highly desirable to improve the instinct property of electrode 
for SEI control.

1D nanostructures have stimulated considerable interests 
in energy storage field due to their intriguing properties.[19–24] 
In order to obtain unique 1D nanostructures, various syn-
thetic approaches have been adopted, such as chemical vapor 
deposition, hydrothermal treatment, electrospinning, template-
engaged redox reaction, and so on.[25–35] Among these methods, 
template-engaged redox reaction, which is driven by the differ-
ence in the electrochemical potentials of two redox pairs, offers 
great opportunities for the fabrication of 1D nanostructures 
with controllable pore size and composition.[25,36–41] Combining 
template-engaged redox reaction with subsequent thermal 
treatment, 1D nanostructure with various compositions and 
morphologies can be obtained. However, the rational design of 
complex 1D nanostructure remains a considerable challenge.

Herein, we design ladder-like α-Fe2O3 nanostructures which 
are produced through a template-engaged redox reaction fol-
lowed by thermal treatment. Initially, MnOOH nanowires are 
used as the 1D template and FeSO4 is used as the iron sources 
for the redox reaction to obtain Fe(OH)3 hierarchical nano-
tube precursor. Additionally, unlike previous reports, MnOOH 
nanowires witness an inside-out reaction process, indicating 
the occurrence of template-engaged redox reaction. In this 

High energy lithium ion battery based on multi-electron redox reaction is 
often accompanied by inherent large volume expansions, sluggish kinetics, 
and unstable solid electrolyte interphase layer, leading to capacity failure. 
Here, thermal induced strain relaxation is proposed to realize the solid elec-
trolyte interphase control. It is demonstrated that through thermal treatment, 
lattice strain is well released and defect density is well reduced, facilitating 
the charge transfer, improving the interparticle contacts and the contacts  
at the interface of electrode to withstand the huge volume expansion/ 
contraction during cycling. In this way, the as-prepared α-Fe2O3 electrode 
at 800 °C with no protective shell shows an outstanding reversible capacity 
of 1200 mA h g−1 at 100 mA g−1 and an excellent high-rate cyclability with a 
capacity fading of 0.056% per cycle for 1200 cycles at 5 A g−1. It is expected 
that such findings facilitate the applications of high capacity anode and 
cathode material systems that undergo large volume expansion.

1. Introduction

Driven by the upcoming large-scale applications in consumer 
electronics and electric vehicles, extensive research efforts 
have been dedicated to high energy batteries.[1–5] With a theo-
retical capacity of 1007 mA h g−1 and improved safety, hema-
tite (α-Fe2O3) has been regarded as one of the most promising 
anode materials for next-generation high energy lithium ion 
batteries.[6–11] However, its practical application is strongly 
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regard, our process is principally different. During the sub-
sequent thermal treatment, it is found that thermal induced 
strain relaxation plays an important role in the morphology as 
well as the electrochemical performance of the products. The 
resultant ladder-like α-Fe2O3 nanostructures at 800 °C with no 
obvious grain boundary are able to offer the least internal strain 
and defect for good structural integrity, low charge transfer 
resistance as well as thin and stable SEI layer formation to 
inhibit capacity failure. In this way, the ladder-like α-Fe2O3 
manifests excellent electrochemical performances. Specifically, 
it shows a very high reversible capacity (1200 mA h g−1 after 50 
cycles at 100 mA g−1) and excellent high-rate cycling stability 
(capacity fading of 0.056% per cycle against the second cycle 
at 5 A g−1). To the best of our knowledge, ladder-like α-Fe2O3 
nanostructures we report here show the best cycling stability 
(up to 1200 cycles) among α-Fe2O3 anode materials (Table S1, 
Supporting Information).

2. Results and Discussion

A typical synthesis process starts from the hydrothermal synthesis 
of MnOOH nanowires (Figure S1b,c, Supporting Information) as 
the template. When FeSO4 is added to MnOOH suspension, par-
tial hydrolysis of Fe2+ ions ([Fe(H2O)6]2+ → [Fe(OH)(H2O)5]+ + H+)  
generates an acidic environment, facilitating the subsequent 
redox reaction.[38] The standard reduction potential of Fe3+/Fe2+ 
pair (0.77 V  vs Standard Hydrogen Electrode (SHE)) is lower 
than that of MnOOH/Mn2+ (1.65 V vs SHE) (see the Supporting 
Information). As a result, Fe2+ is oxidized to Fe3+ by MnOOH, 
while MnOOH is reduced to Mn2+: Fe2+ + MnOOH + 3H+ → 
Fe3+ + Mn2+ + 2H2O.[42–44] This reaction mainly takes place at 
the surface of MnOOH nanowires. A thin Fe(OH)3 layer imme-
diately forms on the surface of MnOOH nanowires through the 
following reaction: [Fe(H2O)6]3+ → Fe(OH)3(s) + 3H+ + 3H2O.[36,38] 
Unlike previous reports, we carefully selected the oxidation of iron 
species rather than reduction. As Ksp of Fe(OH)2 (4.87 × 10−17) is 
much higher than Fe(OH)3 (2.64 × 10−39), we can rule out acid 
etching reaction (released by hydrolysis of Fe3+). This is further 
elucidated by time-dependent experiment to investigate struc-
tural evolution from MnOOH nanowires to Fe(OH)3 hierar-
chical nanotubes. Transmission electron microscopy (TEM) is 
utilized to characterize the products at different reaction times 
from 10 min to 12 h (Figure 1b–g). After 10 min of reaction, a 
thin layer of Fe(OH)3 forms on the surface of MnOOH nanowire 
(Figure 1b). After 30 min of reaction, hierarchical Fe(OH)3@
MnOOH core–shell structures is obtained (Figure 1c).  
After 1 h of reaction, small voids are observed in the center of 
the nanowire (Figure 1d), indicating that solid-state diffusion 
has to take place in order to form the hollow structure when 
a complete Fe(OH)3 shell is formed. After reacting for 2 h, the 
voids in the MnOOH core become more obvious (Figure 1e), 
suggesting that the randomly distributed small voids condense 
into large voids during the reaction. The void in the center of 
the nanowires gets larger after 6 h (Figure 1f) and finally sta-
bilizes after 12 h (Figure 1g), giving rise to the Fe(OH)3 hier-
archical nanotubes. It should be mentioned that the voids are 
usually first observed at the interface of sacrificial template and 
target material in template-engaged redox reactions,[36,38] which 

means that the template experiences an inside-out reaction 
process. However, in our case, voids are first developed in the 
center of the MnOOH nanowires rather than at the interface 
of Fe(OH)3/MnOOH. This suggests that MnOOH nanowires 
experience an inside-out redox reaction and the solid-state dif-
fusion of Mn2+ diffuses toward the interface. This phenom-
enon also rules out the possibility of acid etching. Because acid 
etching process usually involves the dissolution of core and 
the formation of shell while there appear voids between core 
and shell. This is quite different from what we observed here. 
Thus, due to the sluggish solid-state diffusion,[45,46] a much 
longer reaction time (12 h) is required for the reaction.[45,47] In 
this regard, mechanism involved for the hollow architecture in 
the present system is principally different from the previous 
reports. The Fe/Mn atomic ratio during reaction is shown in 
Energy-dispersive X-ray Spectroscopy (EDS) and the results are 
shown in Figure S3 and Table S2 (Supporting Information). The 
EDS results indicate that the reaction proceeds fast in the ini-
tial stage and slows down gradually with the reaction going on, 
which is consensus to our assumption. The MnOOH nanowire 
is completely consumed after 12 h (Table S2, Supporting Infor-
mation). All these confirm the occurrence of redox-engaged 
reaction rather than driven by acid etching.

The crystallographic structure, phase purity, and mor-
phology are examined by X-ray powder diffraction (XRD) and 
scanning electron microscopy (SEM), as shown in Figure S1 
(Supporting Information). MnOOH template is well crystal-
lized (Figure S1a, Supporting Information) and shows an uni-
form 1D nanowire morphology with a diameter of ≈100 nm 
(Figure S1b,c, Supporting Information). After the redox reac-
tion, the diffraction peaks from MnOOH phase entirely dis-
appears, indicating the complete consumption of MnOOH. 
The resulting XRD pattern shows two weak and broad peaks 
between 10° and 80° (Figure S1d, Supporting Information), 
suggesting the amorphous nature or low crystallization of the 
as-prepared Fe(OH)3. The relatively low synthesis temperature 
(room temperature) is responsible for the low crystallinity of 
Fe(OH)3. A panoramic view (Figure S1e, Supporting Informa-
tion) reveals that Fe(OH)3 hierarchical nanotubes are consisted 
of uniform hierarchical 1D nanostructures without impurities 
or aggregates. The diameter of 1D nanostructure increases 
from ≈100 to ≈145 nm after reaction (Figure S1f, Supporting 
Information). The inner cavity is clearly revealed by the obvious 
contrast between solid shell and hollow interior in Figure S2 
(Supporting Information). The diameter of hollow interior 
is ≈120 nm with 1D structure hierarchies’ nanorods pointing 
outward (Figure 1g). All this confirms that hierarchical nano-
tube well duplicates 1D structure and no structural degradation 
occurs. Additionally, hydrolysis rate of Fe2+ plays a crucial role 
in the formation of the hierarchical nanotubes. When mixed 
solvent is replaced by pure ethanol, hydrolysis rate of Fe2+ is 
significantly reduced. As a result, MnOOH nanowires remain 
largely unreacted (Figure S4a,b, Supporting Information). 
When mixed solvent is replaced by pure water, the hydrolysis of 
Fe3+ is significantly accelerated. Due to the fast hydrolysis rate, 
nanosheets rather than nanorods are formed (Figure S4c,d, 
Supporting Information). This suggests that the morphology of 
the tubular structures could be tuned by varying the composi-
tion of the solvent.[38]
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The morphological evolution of Fe(OH)3 hierarchical nano-
tubes as precursor during annealing process is also investi-
gated. Through controlling the annealing temperature, various 
1D α-Fe2O3 nanostructures including hierarchical nanotubes at 
500 and 600 °C (α-Fe2O3-500 and α-Fe2O3-600), porous nano-
tubes at 700 °C (α-Fe2O3-700), and ladder-like nanostructures at 
800 °C (α-Fe2O3-800), are obtained (Figure 2). After annealing, 
all XRD patterns (Figure S5, Supporting Information) reveal 
the formation to α-Fe2O3 as evidenced by the pronounced dif-
fraction peaks, especially the (1 0 4), (1 1 0), and (1 1 6) peaks 
from hematite Fe2O3 (JCPDS 24-0072) in Figure S5 (Supporting 
Information). When annealed at 500 °C, uniform hierarchical 
nanotubes with no apparent collapse are obtained (Figure 2e,i), 
indicating that the hierarchical nanotubes are able to withstand 

the thermal annealing at 500 °C. Due to the unique hollow 
structure and small crystallite size, α-Fe2O3-500 possesses 
a large Brunauer–Emmett–Teller (BET) surface area of 
88.5 m2 g−1 and a mesopore size of around 10 nm (Figure S6a,  
Supporting Information). With the elevation of annealing 
temperature to 600 °C, nanorod building blocks on the shell 
grow into nanoparticles. As a result, larger pores can be easily 
observed on the shell of the tubular structure (Figure 2f,j). The 
surface area decreases to 33.2 m2 g−1 and pore size increases 
to around 50 nm (Figure  S6b, Supporting Information). Fur-
ther increase of annealing temperature to 700 °C results 
in further crystal growth and the disappearance of rough 
nanoparticles on the surface. The original mesopores merge 
together, forming interconnected large pores on the shell of 

Adv. Energy Mater. 2016, 1601582

www.MaterialsViews.com
www.advenergymat.de

Figure 1.  a) Schematic illustrations of the formation process. b–g) TEM images of the products with different reaction durations: 10 min (b), 30 min 
(c), 1 h (d), 2 h (e), 6 h (f), and 12 h (g), respectively.
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tubular structure (Figure 2g,k). The surface area further drops 
to 13.0 m2 g−1 with no obvious pores below 100 nm (Figure 
S6c, Supporting Information). Another increase of annealing 
temperature to 800 °C results in the formation of ladder-like 
nanostructures, consisted of two long sides crossed by parallel 
rungs (Figure 2h,l). The surface area of the sample decreases to 
8.5 m2 g−1 (Figure S6d, Supporting Information). For α-Fe2O3-
500 and α-Fe2O3-600, a hysteresis loop at a higher pressure 
(P/P0 = 0.90-0.99) probably reveals the interchannel macro
porous caused from structural defects, while for α-Fe2O3-700 
and α-Fe2O3-800, no obvious hysteresis loop at a higher pres-
sure (P/P0 = 0.90–0.99) is observed, indicating less structural 
defects.[48] Additionally, the high-resolution transmission elec-
tron microscopy (HRTEM) images of α-Fe2O3-500, α-Fe2O3-
600, α-Fe2O3-700, and α-Fe2O3-800 all show the same lattice 
fringes of 3.6 Å, corresponding to the (0 1 2) lattice plane 
(Figure S7, Supporting Information).

It is found that upon annealing, the peaks become sharper as 
a result of an increase in crystallite size and the loss of internal 
strains (Figure S8, Supporting Information). Thus, crystal 
structure change of the four different samples is further inves-
tigated by using Rietveld refinement. According to the refine-
ment, the crystallite size increases while the strain decreases 
with the annealing temperature increasing (Table  S3, Sup-
porting Information). Our result shows that large strain corre-
sponds to small particles, which is consensus to the previous 
reports.[49,50] We further investigate defects in the annealing 
process by refining the atomic occupancies. The absence of 
oxygen release upon heating rules out the possibility of anionic 
excess.[49] Thus, it is found that the formulas of α-Fe2O3-500, 
α-Fe2O3-600, α-Fe2O3-700, and α-Fe2O3-800 are [Fe0.98340.0166]
O1.5, [Fe0.98520.0147]O1.5, [Fe0.98680.0132]O1.5, and [Fe0.99060.0094]O1.5,  
respectively, suggesting a slight nonstoichiometry and α-Fe2O3-800 

is the most approaching the stoichiometry. Two types of defects 
should thus be taken into account to explain our data. The first 
one deals with cation vacancies, which can enlist either iron 
vacancies leading to an oxygen rich structure or the depar-
ture of two ions of opposite charge (Schottky defects). In con-
trast, the second one involves an interstitial cation (Frenkel 
defects) displaced from its initial position and leading to a 
vacancy (Figure  S9, Supporting Information).[49] It is known 
that α-Fe2O3 crystallizes in a structure that consists of a dis-
torted hexagonally closest packed layer sequence of oxygen with 
iron occupying two-thirds of the octahedral holes (Figure S10, 
Supporting Information). Thus, vacancy of Fe would locate in 
[FeO6] octahedral holes.[51] For α-Fe2O3-500, the refined cell 
parameter (a = 5.044 Å) is slightly higher than the ideal values 
(a = 5.038 Å), while the occupation of Fe atom is lower than 
the ideal value, indicating a loss of compactness in the atomic 
arrangement, in agreement with the existence of Frenkel 
defects and surface relaxation effects[49,52] (Figure S9, Sup-
porting Information). However, for α-Fe2O3-600 and α-Fe2O3-
700, the refined cell parameter and occupation of Fe atom are 
both lower than the ideal values (Figure S10, Supporting Infor-
mation). The lattice volume decreases with increasing particle 
size as well as the elevating temperature up to 700 °C. This 
opposite situation against α-Fe2O3-500 indicates that the defect 
is dominated by Schottky disorder.[50] When the temperature 
is increased to 800 °C, the lattice volume is increased and is 
approaching the ideal value while the Fe occupation is also 
approaching 1, suggesting the lowest defect density. This phe-
nomenon is attributing to both Frenkel defects and Schottky 
defects which are largely reduced and α-Fe2O3-800 shows good 
lattice coherency.[53] Thus, more Frenkel defects dominates at 
low annealing temperature, while the high annealing tempera-
ture would lead to Schottky disorder in domination[50,53] while 
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Figure 2.  Schematic illustrations, SEM images, and TEM images of a,e,i) α-Fe2O3-500, b,f,j) α-Fe2O3-600, c,g,k) α-Fe2O3-700, and d,h,l) α-Fe2O3-800.
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the total defect density is decreasing. Combining the results 
of the microscopic view and the XRD refinement results, we 
can conclude that large crystals are formed by the assembly 
and migration of the polycrystalline small iron oxide domains, 
leading to the low surface area upon annealing. Pore migra-
tion is observed after thermal treatment from mesopores to 
macropores, during which small iron oxide domains move, 
coalesce and eventually lead to the disappearance of hierar-
chies. Intrinsic surface stresses on 1D nanostructure result in 
growth of ladder-like nanostructure. The observed ladder-like 
nanostructure arises from pore migrations with crystal lattice 
rearrangement. The grain boundary on 1D framework migrates 
due to tensile stress, leading to stress relaxation. Thus, α-Fe2O3-
800 is formed by the relaxation of mechanical stresses and 
confined growth of α-Fe2O3 on the 1D framework. Further-
more, high-temperature annealing could also reduce defect 
density and improve lattice coherency. In this way, interparticle 
contacts and/or the contacts at the interphase of α-Fe2O3 are 
well improved which are also consensus to the results of TEM 

(Figure S7, Supporting Information), and promise the stable 
structure integrity.[54]

Motivated by the high lithium storage capacity of hema-
tite, we evaluated the electrochemical properties by taking 
α-Fe2O3-500 and α-Fe2O3-800 as examples. Figure 3a shows 
the representative cyclic voltammograms (CVs) for the ini-
tial three cycles at a scan rate of 0.1 mV s−1 in voltage range 
of 0.01–3.0 V. During the first cathodic sweep, the dominant 
reduction peak at ≈0.52 V is attributed to lithium insertion 
and subsequent reduction of α-Fe2O3 according to the con-
version reaction (Fe2O3 + 6Li+ + 6e− → 2Fe + 3Li2O) as well 
as the formation of SEI layer.[38] The decrease in peak inten-
sity in the subsequent scans indicate irreversible formation 
of SEI layer during the first cycle. The redox peaks for the 
second and third cycles overlap quite well, indicating excellent 
reversibility of the electrochemical reaction. Figure 3b illus-
trates cycling performances of α-Fe2O3-500 and α-Fe2O3-800 
at 100 mA g−1. α-Fe2O3-800 delivers high first-cycle discharge 
and charge capacities of 1377 and 1102 mA h g−1, respectively, 
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Figure 3.  a) CV curves of α-Fe2O3-800 at 0.1 mV s−1. b) Cycling performance of the α-Fe2O3-800 and α-Fe2O3-500 at 100 mA g−1. c) High-rate cycling 
performance of the α-Fe2O3-800 and α-Fe2O3-500 at 5.0 A g−1. d) Rate performance of the α-Fe2O3-800 and α-Fe2O3-500. e) AC impedance response 
of the α-Fe2O3-800 and α-Fe2O3-500 at open circuit potential.
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corresponding to an irreversible loss of 20%, which is mainly 
ascribed to irreversible side reactions on the surface including 
the formation of the SEI layer and the possible incomplete res-
toration of metallic Fe into the original oxide. The reversible 
discharge capacity reaches 1200 mA h g−1 after 50 cycles.[38] 
In sharp contrast, rapid capacity decay has been observed for 
α-Fe2O3-500. Although α-Fe2O3-500 shows higher initial dis-
charge capacity (1399 mA h g−1), capacity quickly degrades to 
around 211 mA h g−1. The capacity retention versus second 
cycle capacity is only 17.3%. Noteworthy, Coulombic efficiency 
(CE) also differs greatly in each sample. α-Fe2O3-800 shows 
stable CEs above 98.5% ever since the second cycle. On the 
contrast, α-Fe2O3-500 exhibits extremely low CEs in the initial 
20 cycles and the lowest CE reaches 78% at the eighth cycle. 
The difference in cycling performance and CE demonstrates 
the superior reversibility of α-Fe2O3-800.[9]

Stable cycling performance is also achieved at a high spe-
cific current of 5.0 A g−1. α-Fe2O3-800 delivers a reversible 
capacity of 645 mA h g−1 even after 1200 cycles, resulting in 
a capacity fading of 0.027% per cycle against second cycle. To 
the best of our knowledge, this is the best cycle performance 
reported for α-Fe2O3 anode materials. Note that this perfor-
mance is achieved by pristine iron oxide without the modi-
fication of carbon. In contrast, α-Fe2O3-500 shows high ini-
tial capacity of 1142 mA h g−1, capacity quickly degrades to 
around 110 mA h g−1 after 80 cycles. The rapid capacity fading 
is accompanied by low CE. After 45 cycles, both capacity and 
CE begin to stabilize, while the capacity afterward is too low for 
practical use. Figure 3d shows the rate performance of α-Fe2O3-
800 and α-Fe2O3-500. α-Fe2O3-800 exhibits reversible capacities 
of 1128, 1094, 1033, 949, 897, and 783 mA h g−1 at the step 
increase specific currents of 0.1, 0.2, 0.5, 1.0, 2.0, and 5.0 A g−1, 
respectively. After cycling at various specific currents, a specific 
capacity as high as 1244 mA h g−1 is well recovered at a specific 
current of 0.1 A g−1. No capacity decay is observed when com-
pared to capacity at the same current before high rate testing. 
While for α-Fe2O3-500, only 1/10 of second capacity can be 
recovered and the capacity at each specific current is obviously 
lower. The outstanding rate performance confirms the excel-
lent Li+ storage reversibility of α-Fe2O3-500 even at high rate. 
The electrochemical impedance spectrum (EIS) of α-Fe2O3-
800 shows a compressed semicircle from the high to medium 
frequency range of each spectrum, and a line inclined at ≈45° 
in low-frequency range (Figure 3e). The smaller diameter of 
the semicircle for α-Fe2O3-800 electrode in the mid-frequency 
region (101–104 Hz) suggests a reduced charge transfer resist-
ance when compared to the α-Fe2O3-500.

α-Fe2O3-800 and α-Fe2O3-500 were further subjected to dif-
ferent discharge–charge cycles. The capacity failure of α-Fe2O3-
500 is observed in approximately ten cycles. Thus, we choose 
the first cycle and tenth cycle as representative to characterize 
the morphology and structure. The resulting structures and AC 
impedance responses were characterized by SEM, TEM, and 
EIS, respectively. During the first cycle discharge to 0.01 V, both 
samples exhibit rather rough surface (Figures S11 and S12, 
Supporting Information). When recharged to 3.0 V, α-Fe2O3-800 
shows no obvious structure change (Figure S13, Supporting 
Information). The surface is smooth, indicating the formation 
of a thin SEI layer on the surface (Figure S14a,b, Supporting 

Information). For α-Fe2O3-500, nanorod hierarchies disappear 
and surface becomes rather rough after one discharge–charge 
cycle (Figure S14e,f, Supporting Information), suggesting the 
formation of a thick SEI layer on the surface. The difference 
gets greater after ten cycles. α-Fe2O3-800 maintains excellent 
structural integrity with a limited SEI layer on their surfaces 
(Figure S14c,d, Supporting Information). On the contrary, 
α-Fe2O3-500 is buried in the thick SEI layer and shows no 
sign of the original 1D structure remains (Figure S14g,h, Sup-
porting Information). The unstable structure of α-Fe2O3-500 
leading to excessive SEI formation is the primary reason for 
the rapid capacity fading, and CEs. α-Fe2O3-800 with the least 
internal strain and defects enables an outstandingly stable bat-
tery performance and high-power rate capability. It is believed 
that nonuniform strain or residual stress of α-Fe2O3 lattice 
would result in disorder and distortion of the α-Fe2O3 matrix, 
and during charging/discharging and with the strain develop-
ment, finally the pulverization of electrode is achieved.

Furthermore, we carried out the HRTEM images of the 
α-Fe2O3-500 and α-Fe2O3-800 after ten cycles (Figure 4). Both 
α-Fe2O3-500 and α-Fe2O3-800 are composed of small particles. 
In order to obtain further information, Selected Area Electron 
Diffraction (SAED) pattern is obtained in Figure 4c,f. Both pat-
terns show polycrystalline nature. While the lattice fringes of 
(1 1 1), (2 0 0), and (2 2 0) planes of Li2O (JCPDS 77-2144) and 
those of (1 0 4), (1 1 3), and (1 1 6) of α-Fe2O3 (JCPDS 01-1053) 
are very similar, it is very important to figure out the specific 
lattice fringes of (0 1 2), (0 2 4), and (1 0 10) of α-Fe2O3 as well 
as the specific lattice fringe of (2 0 0) of Li2O. The SAED pat-
tern of α-Fe2O3-800 is shown in Figure 4c. The d-spacings of 
2.69 and 2.20 Å determined from the pattern are consistent 
with the lattice fringes of the (1 0 4) and (1 1 3) planes of 
α-Fe2O3 (JCPDS 01-1053). All diffraction rings of ladder-like 
nanostructure in Figure 4c can be well indexed as the rhombo-
hedral phase of α-Fe2O3 (JCPDS 01-1053). No diffraction rings 
of Li2O and Fe are found. The SAED pattern of α-Fe2O3-500 is 
shown in Figure 4f. Three bright lattice fringes correspond to 
mixed lattice fringes of (0 1 2), (0 2 4), and (1 0 10) of α-Fe2O3 
as well as (1 1 1), (2 0 0), and (2 2 0) planes of Li2O. The spe-
cific lattice fringes of (0 1 2), (0 2 4), and (1 0 10) of α-Fe2O3 
can be easily figured out while lattice spacing of (2 0 0) of Li2O 
is also observed, indicating the existence of both α-Fe2O3 and 
Li2O. Two bright symmetrical points are observed and are in 
well accordance to lattice fringe of (1 1 0) plane body-centered 
cubic Fe (JCPDS 87-0722). It is worth noting that the lattice 
fringes of α-Fe2O3 and that of Fe are all very weak when com-
pared to that of Li2O and those of the mixed lattice fringes. 
These phenomena may be linked to that Fe and α-Fe2O3 both 
are embedded in the Li2O matrix as well as SEI layer and in 
this way, the diffraction intensity is largely weakened. Normally, 
thermodynamically irreversible extraction of Li from Li2O 
would cause a capacity loss during the transformation of Fe0 to 
Fe3+. However, it did not occur in the case of ladder-like nano-
structure, indicating the enhanced reversibility of conversion 
reaction in α-Fe2O3-800.

Ex situ EIS results provide further insights in the formation 
of SEI layer (Figure S14e,f, Supporting Information). Table S4 
(Supporting Information) gives the fitting value of α-Fe2O3-800 
and α-Fe2O3-500. Both α-Fe2O3-800 and the α-Fe2O3-500 show 
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extreme low charge transfer resistances, while the resistance 
related to SEI layer of α-Fe2O3-500 is a bit higher than that of 
the α-Fe2O3-800. However, the difference gets greater after ten 
cycles (Table S4, Supporting Information). For the α-Fe2O3-800, 
it is found that during the first ten cycles, only small increase in 
charge transfer resistance from 2.4 to 4.7 Ω and no increase in 
the resistance related to SEI layer are observed, indicating the 
stable SEI layer. On the contrast, for α-Fe2O3-500, the charge 
transfer resistance is increased to 113.5 Ω and the resistance 
related to SEI layer is increased to 184.3 Ω. This phenomenon 
indicates that upon charging/discharging, SEI layer is formed 
intensively for α-Fe2O3-500, leading to the higher resistance 
related to SEI layer. In addition, thick SEI layer also retard the 
electron transport, leading to the low capacity and undesirable 
cycling performance.[9,55,56]

To further investigate the influence of thermal induced strain 
relaxation on the electrochemical performance, we evaluated the 
cycling performance of α-Fe2O3-500, α-Fe2O3-600, α-Fe2O3-700, 
and α-Fe2O3-800 at 2 A g−1 (Figure S15, Supporting Informa-
tion). The initial discharge capacity of the first cycle decreases 
with the increase of annealing temperature from 500 to 800 °C 
(Figure S16, Supporting Information). It is interesting to find 
that the surface area versus capacity follows well-fitted linear 
relationship (Figure S17, Supporting Information). To be more 
precise, the total specific capacity of Fe2O3 during the first dis-
charge can be calculated from the equation below[57]

C C C C C= + + +total conversion interface surface SEI 	 (1)

where Ctotal, Cconversion, Cinterface, Csurface, and CSEI are, respec-
tively, the total specific capacity, conversion reaction capacity, 
interfacial storage capacity, surface capacities from revers-
ible reaction of LiOH to form LiH, and the SEI formation 

capacities.[57] Cinterface and CSEI are largely associated with the 
surface area, while Cconversion and Csurface are not directly linked 
to surface area. Thus, it is no surprising that the first discharge 
capacity follows linear relationship with the surface area in our 
case. Furthermore, capacity failure is observed in α-Fe2O3-700, 
α-Fe2O3-600, and α-Fe2O3-500, while α-Fe2O3-800 shows stable 
cycling performance without capacity failure for 400 cycles. The 
cycling failure of α-Fe2O3-700, α-Fe2O3-600, and α-Fe2O3-500 is 
located in 10th, 20th, and 40th cycles, respectively (Figure S15, 
Supporting Information). The capacity retention against the 
second cycle is also increased from 38% to 89%, indicating that 
the higher temperature results in more stable cycling stability. 
To further identify the interphase between the electrolyte and 
electrode, EIS of these 1D nanostructures is carried out. The 
Rct value decreases with the rising of the annealing tempera-
ture, indicating that through thermally induced strain relaxa-
tion, charge transfer is well facilitated (Figure S18, Supporting 
Information). This is related to the reduced surface defect, 
leading to stable electrode/electrolyte interphase. The capacity 
failure occurs due to the nonuniform strain or residual stress of 
α-Fe2O3-700, α-Fe2O3-600, and α-Fe2O3-500 which have a severe 
scattering effect on the transport of charges.[58] This would 
result in disorder and distortion of the Fe2O3 matrix, finally 
collapse. During charging/discharging, with the strain develop-
ment, finally pulverization of electrode is achieved. However, 
for α-Fe2O3-800, good lattice coherency and stable particle con-
tact are able to buffer the volume expansion during cycling. In 
this way, excellent cycling stability is achieved (Figure 5).

Overall, our results show the double-edged influence of high 
surface area in the battery performance. On one hand, it leads 
to more active sites contributing higher capacity. On the other 
hand, it also brings about more defects, which are hazardous to 
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Figure 4.  a,b) TEM images of α-Fe2O3-800 after ten cycles. c) The corresponding SAED pattern of α-Fe2O3-800 after ten cycles. d,e) TEM images of 
α-Fe2O3-500 after ten cycles. f) The corresponding SAED pattern of α-Fe2O3-500 after ten cycles.
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the structural integrity and unstable interphase between elec-
trode and electrolyte, especially during charging/discharging, 
leading to quick capacity fading. In this way, thermal induced 
strain relaxation would offer advantages below: first, the 
internal strain is relaxed and the defect is reduced, resulting 
in good interparticle contacts and the electrode is able to stand 
the volume expansion/expansion without mechanical breaking. 
Second, the resultant stable nanostructure allows for the devel-
opment of a thin and stable SEI. Third, with the least lattice 
strain left, the good lattice coherency would result in stable 
electrode/electrolyte interphase and facilitates the transport of 
charge, avoiding the scattering effect. In this way, α-Fe2O3-800 
with most stable morphology shows excellent electrochemical 
performance.[33,49] In addition, it is found that the first dis-
charge capacity follows linear relationship with the surface area 
in our case which is associated with the interfacial capacity and 
SEI formation.[59]

3. Conclusions

We for the first time propose thermal induced strain relaxation 
to realize the stable SEI control without the additional protec-
tive strategy. α-Fe2O3-800, as an example, has been fabricated 
through a template-engaged redox reaction followed by thermal 
treatment. The thermal treatment induces interfacial atomic 
rearrangement and results in the formation of a series of 1D 
nanostructure. It is demonstrated that through thermal treat-
ment, grain boundary is reduced, lattice strain is largely relaxed, 
and defect density is well reduced, improving the interparticle 
contacts and contact at the interface of electrode, stabilizing the 
electrode/electrolyte interphase, facilitating the charge transfer. 
In this way, α-Fe2O3-800 is able to withstand the volume change 
upon charging/discharging without mechanical breaking 
and leads to a thin and stable SEI formation. As a result, the 

ladder-like α-Fe2O3 nanostructures obtained at 800 °C deliver 
an outstanding stable capacity of 1200 mA h g−1 at 100 mA g−1 
and an excellent high-rate cyclability with a capacity fading 
of 0.056% per cycle for 1200 cycles at 5 A g−1. We believe the 
strategy of thermal induced strain relaxation would expand to 
other high-capacity anode and cathode material systems that 
undergo large volume expansion, which are promising for 
applications in energy storage and conversion.

4. Experimental Section
Preparation of the Fe(OH)3 Hierarchical Nanotubes: The MnOOH 

nanowires were fabricated through the method reported before. 2 mmol 
of MnOOH nanowire was dispersed in 40 mL alcohol for 30 min to 
form solution A. 3 mmol FeSO4·7H2O was dissolved in 70 mL water 
to form solution B. The solution B was added into solution A dropwise 
and reacted for 12 h at room temperature. The precipitation was then 
collected and washed with deionized water and alcohol for several times 
to obtain Fe(OH)3 hierarchical nanotubes.

Preparation of Various α-Fe2O3 1D Structures: The Fe(OH)3 hierarchical 
nanotubes were used as precursor to anneal in the air at different 
temperatures for 5 h. Hierarchical nanotubes were obtained at 500 and 
600 °C, porous nanotubes at 700 °C, and ladder-like nanostructures 
at 800 °C.

Material Characterization: The crystal structure change of the four 
different samples was investigated by using Rietveld refinement. To 
avoid the fluorescence effect and ensure high resolution pattern, the 
light source was changed from Cu Kα (λ = 1.788 Å) to Co Kα (λ = 
1.788 Å). X-ray powder diffraction measurements were performed on 
the D8 Discovery diffractometer (Bruker AXS, Karlsruhe, Germany) with 
a goniometer radius 217.5 mm. XRD patterns were recorded with the 
following measurement conditions: tube voltage of 40 kV, tube current 
of 40 mA, a coupled 2θ mode with three graphs, and each graph taken 
for 600 s. The X-ray diffractograms were analyzed using software TOPAS 
4.2. The refinement procedure in TOPAS 4.2 assumed a repeated 
minimization from random starting values, which were obtained through 
the TOPAS keywords: “continue after convergence” (which meant the 
refinement was carried out until a certain iteration number, despite 

Figure 5.  Schematic illustration of morphology evolution and SEI formation of α-Fe2O3-800 and α-Fe2O3-500 during discharge/charge cycling.
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the convergence had been locally reached) and “randomize on errors” 
(meaning that the starting values were taken randomly as a function 
of the errors). The microstructures were observed by field-emission 
scanning electron microscopy (JEOL-7100F), and transmission electron 
microscopy and HRTEM (JEM-2100F). BET surface areas were measured 
by using Tristar II 3020 instrument.

Electrochemical Characterization: The electrochemical properties were 
characterized by assembly of CR2016-type coin cells with lithium metal 
foil as the anode in a glovebox filled with pure argon gas. The cathode 
electrodes were composed of 60% active material, 30% acetylene black, 
and 10% sodium alginate binder. Copper foil was used as collector for 
the coating. A solution (1 m) of LiPF6 in Ethylene Carbonate/Dimethyl 
Carbonate (1:1 vol/vol) was used as the electrolyte. The cells were aged 
for 12 h before charge/discharge process to ensure full filtration of the 
electrolyte into the electrodes. The capacity was calculated based on the 
total mass of the composite. The mass loading of each electrode was 
1.5–2.0 mg cm−2. Galvanostatic charge/discharge measurement was 
performed by a multichannel battery testing system (LAND CT2001A), 
cyclic voltammetry (0.01–3 V) was performed using an electrochemical 
workstation (CHI 760S), EIS was tested with an Autolab potentiostat 
galvanostat (PGSTAT302N). The EIS was carried out at frequency range 
from 0.1 to 10 000 Hz at open circuit potential before cycling to avoid 
the influence of Li metal. All the measurements were carried out at 
room temperature. In order to prepare the SEM images after cycling, 
the electrode was taken out of the disassembled cell and soaked 
immediately in acetone for 24 h for washing the residue of electrolytes. 
The samples after cycling were detached and dispersed in the alcohol to 
form suspension. The suspension was dropped on the aluminum foil 
and dried for SEM characterization.

Supporting Information
Supporting Information is available from the Wiley Online Library or 
from the author.
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